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Compositions and methods for obtaining nanocrystal dis- 
persed amorphous alloys are described. A composition 
includes an amorphous matrix forming element (e.g., Al or 
Fe); at least one transition metal element; and at least one 
crystallizing agent that is insoluble in the resulting amor- 
phous matrix. During devitrification, the crystallizing agent 
causes the formation of a high density nanocrystal disper- 
sion. The compositions and methods provide advantages in 
that materials with superior properties are provided. 
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Continuous DSC of A I— 7Y— 5Fe— IPb as-cast MSR 
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NANOCRYSTAL DISPERSED AMORPHOUS 
ALLOYS 

This application is a 371 of PCT/US98/13596, filed Jun. 

30, 1998 and claims benefit of provisional application No. 5 
60/051,202, filed Jun. 30, 1997. 

This invention was made with United States government 
support awarded by the following agencies: 

AFOSR Grant No.: F4962096-1-0286 

NASA Grant Nos.: NGT-51190; NGT-51133; NAGW- 10 
2841 

ONR Grant Nos.: N0001492-J-1554; DAAH04-93-G- 
0296; DAAH04-93-6-0381 

NSF Grant Nos.: DMR-9308148; ASC-9310310 15 

NASA Grant Nos.: NAG8-1278; NAG8-1068. 

The United States has certain rights in this invention. 

BACKGROUND OF THE INVENTION 

20 

1. Field of the Invention 

The present invention relates generally to the field of 
amorphous alloys. More particularly, the present invention 
relates to amorphous alloys and alloy structures obtained by 
controlled crystallization. Specifically, a preferred imple- 2 s 
mentation of the present invention relates to alloys with high 
number density nanocrystal dispersions that are seeded with 
an element that is added to the amorphous matrix but that is 
insoluble therewith. The present invention thus relates to 
amorphous alloys of the type that can be termed nanocrystal 30 
dispersed. 

2. Discussion of the Related Art 

Historically, rapid solidification processing has yielded 
amorphous structures in numerous metallic alloy systems. 
The development of nanocrystalline materials through the 35 
partial recrystalization (devitrification) of amorphous pre- 
cursors has recently received considerable attention. 

A first class of amorphous metallic materials that shows 
particular promise for commercial applications consists of 
aluminum (Al) glasses that include transition metal (TM) 40 
and rare earth (RE) elements. These aluminum glasses 
possess exceptional strength combined with good ductility 
and corrosion resistance. These Al-TM-RE glasses typically 
contain greater than 75 atomic percent (at. %) aluminum. 
These Al-TM-RE glasses offer an alternative to traditional 45 
crystalline materials for some structural applications. 

A second class of amorphous metallic materials that 
shows particular promise for commercial applications con- 
sists of iron (Fe) glasses that include transition metal (TM) 5Q 
and rare earth (RE) elements together with boron (B). These 
iron glasses possess good magnetic properties for electrical 
applications. These Fe-TM-RE-B glasses typically contain 
greater than 70 at. % iron. 

Those of skill in the art of materials know that changing 55 
the size and density of nanocrystals that are produced during 
initial devitrification can alter the properties of both of these 
classes of amorphous metallic materials. The controlled 
crystallization of these alloys is a challenge, as the prior art 
alloying and heat treatment techniques have remained 60 
strictly empirical. Heretofore, there has been no effective 
approach to precisely and accurately control the number 
density or dispersion of nanocrystals in an amorphous 
matrix. 

Within this application several publications are referenced 65 
by Arabic numerals within brackets. Full citations for these, 
and other, publications may be found at the end of the 
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specification immediately preceding the claims. The disclo- 
sures of all these publications in their entireties are hereby 
expressly incorporated by reference into the present appli- 
cation for the purposes of indicating the background of the 
present invention and illustrating the state of the art. 

SUMMARY OF THE INVENTION 

Thus, there is a need for a phase separation technique that 
yields a high number density distribution of fine scale 
discrete particles in an amorphous matrix. Further, there is a 
particular need for a technique that yields a predictable and 
reproducible dispersion of such particles. The particles are 
used as nucleation sites for nanocrystal formation during 
subsequent devitrification. The characteristics of the result- 
ing amorphous alloy are a function of the characteristics of 
the nanocrystals and the characteristics of the nanocrystals 
are a function of the characteristics of the particle dispersion. 
Unexpected beneficial effects of the present invention, 
which are substantial improvements over the prior art, 
include higher strength in the case of aluminum based 
amorphous alloys, and in the case of iron based amorphous 
alloys, better magnetic properties. 

These, and other, aspects of the present invention will be 
better appreciated and understood when considered in con- 
junction with the following description and the accompa- 
nying drawings. It should be understood, however, that the 
following description, while indicating preferred embodi- 
ments of the present invention and numerous specific details 
thereof, is given by way of illustration and not of limitation. 
Many changes and modifications may be made within the 
scope of the present invention without departing from the 
spirit thereof, and the invention includes all such modifica- 
tions. 

BRIEF DESCRIPTION OF THE DRAWINGS 

A clear conception of the advantages and features con- 
stituting the present invention, and of the construction and 
operation of typical mechanisms provided with the present 
invention, will become more readily apparent by referring to 
the exemplary, and therefore nonlimiting, embodiments 
illustrated in the drawings accompanying and forming a part 
of this specification, wherein like reference numerals des- 
ignate the same elements in the several views. It should be 
noted that the features illustrated in the drawings are not 
necessarily drawn to scale. 

FIG. 1 illustrates a transmission electron micrograph of a 
sample of an Al — 7Y — 5Fe — lPb alloy in an as-spun 
(quenched) condition, representing an embodiment of the 
present invention. 

FIG. 2 illustrates a transmission electron micrograph of a 
sample of an Al — 7Y — 5Fe — lPb alloy after a subsequent 
step of isothermal annealing at 290° C. for 10 minutes, 
representing an embodiment of the present invention. 

FIG. 3 illustrates a histogram of lead particle diameter 
distribution in the sample depicted in FIG. 1. 

FIG. 4 illustrates a transmission electron micrograph of a 
sample of an Al — 7Y — 5Fe alloy that has been melt spun 
and subsequently annealed at 275° C. for 10 minutes, 
representing an embodiment of the present invention. 

FIG. 5 illustrates a histogram of aluminum nanocrystal 
diameter distribution in the sample depicted in FIG. 4. 

FIG. 6 A illustrates a differential scanning calorimetry 
trace of a sample of an Al — 7Y — 5Fe alloy, representing an 
embodiment of the present invention. 

FIG. 6B illustrates a differential scanning calorimetry 
trace of a sample of an Al — 8Sm alloy, representing an 
embodiment of the present invention. 
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FIG. 7 A illustrates a transmission electron micrograph of 
a sample of an A1 — 7Y — 5Fe alloy, representing an embodi- 
ment of the present invention. 

FIG. 7B illustrates a histogram of aluminum nanocrystal 
diameter distribution in the sample depicted in FIG. 7A. 5 

FIG. 8 illustrates a calculated metastable phase diagram at 
553° K. for a sample of an A1 — Y — Fe alloy, representing an 
embodiment of the present invention. 

FIG. 9 illustrates a model of a continuous heating trace 
peak from the A1 — 7Y — 5Fe sample used to obtain the data 
depicted in FIG. 6A-6B. 

FIG. 10 illustrates an isothermal differential scanning 
calorimetry trace at 280° C. after subtraction with an A1 
standard, representing an embodiment of the present inven- ^ 
tion. 

FIG. 11 illustrates calculated particle radius as a function 
of the square root of reaction time given by the Ham model, 
representing an embodiment of the present invention. 

FIG. 12 illustrates calculated diffusion fields for alumi- 20 
num particles that are 40 nanometers (nm) apart, represent- 
ing an embodiment of the present invention. 

FIG. 13 illustrates a schematic isothermal ternary section 
illustrating alloying strategies that exploit the effects of 
multicomponent diffusion, representing an embodiment of 25 
the present invention. 

FIG. 14 illustrates a continuous differential scanning 
calorimetry (DSC) trace of an A1 — 7Y — 5Fe — lPb as-cast 
melt spun ribbon (MSR) sample, representing an embodi- 3Q 
ment of the present invention. 

FIG. 15 illustrates an XRD pattern of an Fe — 7Zr — 3B 
as-cast MSR sample, representing an embodiment of the 
present invention. 

FIG. 16 illustrates an XRD pattern of an Fe — 7Nb — 9B 35 
as-cast MSR sample, representing an embodiment of the 
present inventions. 

FIG. 17 illustrates a continuous DTA thermogram of an 
Fe — 7Zr — 3B MSR sample, representing an embodiment of 
the present inventions. 40 

FIG. 18 illustrates a continuous DTA thermogram of an 
Fe — 7Nb — 9B MSR sample, representing an embodiment of 
the present inventions. 

FIG. 19 illustrates a continuous DTA thermogram of an 
Fe — 7Zr — 3B and Fe — 7Nb — 9B as-cast MSR, as reported 45 
in the literature [66]. 

FIG. 20 illustrates a differential scanning calorimetry 
(DSC) trace of an Fe — 7Nb — 9 B — lPb sample, represent- 
ing an embodiment of the present invention. 50 

FIG. 21 illustrates a differential scanning calorimetry 
trace of an Fe — 7Zr — 3B — lPb melt-spun sample, repre- 
senting an embodiment of the present invention. 

DESCRIPTION OF PREFERRED 

EMBODIMENTS 55 

The present invention and the various features and advan- 
tageous details thereof are explained more fully with refer- 
ence to the nonlimiting embodiments that are illustrated in 
the accompanying drawings and detailed in the following 60 
description. Descriptions of well-known materials and pro- 
cessing techniques are omitted so as to not unnecessarily 
obscure the present invention in detail. 

Overview 

66 

An amorphous precursor typically has many potential 
decomposition reaction pathways available. The desired 
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reaction pathway usually includes the development of a 
terminal, face-centered-cubic (fee) solid solution phase for 
Al-TM-RE glasses or a terminal, body-centered-cubic (bcc) 
solid solution phase for Fe-TM-RE-B glasses. 

It should be noted that the development of intermetallic 
phases is possible for both Al-TM-RE and Fe-TM-RE-B 
glasses. While in some cases intermetallic phases may be 
desired, intermetallic phases are often brittle and are, 
therefore, generally undesirable. 

The addition of elements that are not soluble in the 
amorphous precursor, but do not affect glass form ability, can 
provide dispersed particles (nucleation sites) for nanocrystal 
growth during subsequent thermal cycling. Optimizing the 
initial size, density and dispersion of the nucleation sites 
(i.e., the insoluble element phase) directly effects the size 
and density of the subsequently formed nanocrystals, 
thereby altering the properties of the resultant amorphous 
alloy. This provides for a level of control over the properties 
of amorphous alloys that is not possible in the prior art. 

Moreover, the insoluble particle phase(s) (i.e., the dis- 
persed nucleation sites) is (are) crystalline. This permits 
relatively easy observation of the dispersed nucleation sites 
with standard electron microscopy techniques. For example, 
the particles can be easily detected with transmitting elec- 
tron microscopy (TEM). The easy detection of these par- 
ticles with TEM permits both enhanced quality control of the 
final amorphous alloy and “fingerprint” characterization of 
alloys prepared in accordance with the invention. 

DETAILED DESCRIPTION OF PREFERRED 
EMBODIMENTS 

One class of alloys disclosed herein can be created 
starting with an amorphous or glass-like aluminum alloy 
precursor composition. Lead is immiscible in such amor- 
phous aluminum precursors. Therefore, it creates small 
crystals in the amorphous matrix. The amount of lead added 
determines the number and size of the small crystals. The 
addition of up to approximately 1 atomic percent (at. %) of 
lead, for example, does not appreciably effect the mass 
density. The resulting aluminum based alloys have high 
strength. 

Other elements with similar properties to lead, such as, for 
example, bismuth, indium, and cadmium provide similar 
results. There are two rules for determining which elements 
may be substituted into the amorphous matrix for the 
purpose of the invention. The first rule is that the substituted 
element should be immiscible with the base amorphous 
precursor matrix. That is, since these elements are immis- 
cible in liquid aluminum, they form discrete particles via a 
liquid phase separation process and thereby provide nucle- 
ation sites for the subsequent formation and dispersion of 
nanocrystalline aluminum during devitrification. The second 
rule is that the substituted element should not react with the 
solute rare earth or transition metals. That is, the formation 
of an additional intermetallic phase should be avoided. 

The results obtained by the invention are surprising 
because lead ordinarily forms compounds with the transition 
and rare earth elements with which the aluminum is typi- 
cally alloyed. Such compounding would defeat the forma- 
tion of an amorphous glass. Instead, it is believed that there 
are two competing factors that determine the role of the lead. 
On the one hand, there is a driving force for the lead to form 
the above mentioned compounds. On the other hand, there 
is a driving force for the lead to avoid (i.e., phobic) the other 
components of the amorphous matrix. 

The possible compounds or alloys with which the inven- 
tion is useful are many and varied. In the case of aluminum 
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based alloys, the aluminum can compose from approxi- 
mately 75 at. % to approximately 95 at. %, preferably from 
approximately 85 at. % to approximately 92 at. %. The 
transition metal elements that are usable with the aluminum 
based amorphous materials include iron, nickel, cobalt, 
manganese, copper, titanium, silver, and palladium, the 
amount of transition metal element in the aluminum based 
amorphous matrix can compose from approximately 1 at. % 
to approximately 15 at. % so as to not extend beyond the 
range of primary crystallization In preferred embodiments, 
the amount of transition metal element in the aluminum 
based amorphous matrix can be from approximately 2 at. % 
to approximately 10 at %, more preferably from approxi- 
mately 4 at. % to approximately 7 at. %. 

The amount of rare earth element that can be included in 
the aluminum based amorphous precursors matrix can be 
from approximately 1 at. % to approximately 15 at. %, 
preferably from approximately 2 at. % to approximately 10 
at. % more preferably, approximately 7 at. %. Am ong the 
rare earth elements suitable for use with the aluminum based 
amorphous matrix, the lanthanides: lanthanum, cerium, and 
yttrium, are preferred. The amount of crystallizing agent that 
can be incorporated into the amorphous precursor batch can 
vary from approximately 0.1 at. % to approximately 3 at. %, 
preferably from 0.1 at % to approximately 2 at. %, more 
preferably approximately 1 at. %. The crystallizing agent 
elements that can be used with the aluminum based amor- 
phous precursor matrix include lead, bismuth, indium and 
cadmium. It will be appreciated that these are heavy metals 
chosen for their immiscibility gaps. 

Optionally, a surfactant in an amount from approximately 
0 . 1 % to approximately 0 . 5 % can be included to promote a 
fine scale liquid phase separation. Suitable elements include 
Tin, Calcium and other alkaline metals. It would be possible 
to use an ultrasonic wave to break up relatively large 
immiscibility particles or, alternatively, use a hydrogen 
atmosphere to promote a high nucleation density by creating 
internal surface pores. 

The invention can be extended to iron based glass forming 
systems. Iron based glass forming systems are of consider- 
able interest due to the magnetic properties of the resulting 
alloys. The dispersed nanocrystal strategy will work with a 
variety of iron based alloys to enhance both their hard and 
soft magnetic properties. 

Amorphous iron alloy precursor compositions show simi- 
lar liquid phase separation characteristics with lead. In the 
iron-based materials, the nanocrystal size, density and dis- 
persion strongly effect the magnetic properties. 

For example, in the case of Fe-TM-RE-B iron glass 
alloys, where TM=Zr, Hf, or Nb, good soft magnetic prop- 
erties are obtained after partial crystallization. Other iron 
glass alloys, such as, for example, Fe — Nd — B, show good 
hard magnetic properties after partial crystallization. 

The transition metals that are usable with the iron based 
amorphous matrices include the refractory metals, for 
example niobium, tantalum, and zirconium. As an alterna- 
tive to boron, silicon can also be used. The nucleating agent 
elements usable with the iron based amorphous matrix 
precursors include lead, palladium, indium, copper, silver, 
and bismuth. Optionally, an agent such as phosphorous 
and/or carbon can be added to the iron based amorphous 
matrix precursor. The phosphorous or carbon can be added 
in an amount from approximately 0 at % to approximately 
1.0 at. %. Phosphorous, carbon and silicon are all alternative 
nucleating agents for this purpose. Optionally, surface- 
active chlorides can be added to these iron based amorphous 
matrix precursor batches. 
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Hard magnetic materials suitable for use as permanent 
magnets can be based on iron, neodymium and boron. The 
neodymium can be added in an amount from approximately 
5.0 at % to approximately 20 at %. The boron can be added 
5 in an amount from approximately 1.0 at. % to approximately 
8 at %. The nucleating agent elements suitable for use with 
the permanent magnet materials include lead, palladium, 
indium, copper, silver and bismuth. As a flux, phosphorous 
can be added. Alternatively, a surface -active chloride can be 
10 added as a flux. 

It is desirable to obtain a high density of nanocrystals. The 
key is to control the crystallization of the primary constitu- 
ent of the amorphous matrix precursor batch. The amount 
and size scale of phase separation is a function of the quench 
15 rate. The amount of phase separation is also a function of the 
amount of immiscible element. The flux components are 
added to lower the surface tension between the lead and the 
aluminum. The aluminum nanocrystals are nearly perfect 
and have high strength. The resulting aluminum based alloy 
20 has strength equivalent to steel. Controlling the number of 
nanocrystals is difficult. Arc melting can be used to form an 
ingot. Alternatively, the lead or palladium can be added 
during melt spinning. Induction heating in a crucible causes 
rapid mixing. Stabilization is enhanced by having more sites 
25 because the diffusion fields overlap. There is a one to one 
correspondence between nanocrystals formed from the pri- 
mary component of the matrix and the particles that are 
formed due to immiscibility. 

The particular manufacturing process used for making the 
30 nanocrystal dispersed alloys should be inexpensive and 
reproducible. Conveniently, the method of the present inven- 
tion can be carried out by using any fast cooling method. It 
is preferred that the process be automated. For the manu- 
facturing operation, it is moreover an advantage to employ 
35 a melt-spun ribbon method. 

However, the particular manufacturing process used for 
making the nanocrystal dispersed alloys is not essential to 
the present invention as long as it provides the described 
4Q transformation. Normally the makers of the invention will 
select the manufacturing process based upon tooling and 
energy requirements, in view of the expected application 
requirements of the final product and the demands of the 
overall manufacturing process. 

45 The particular material used for seeding (i.e., the crystal- 
lizing agent) should be insoluble in the precursor matrix. 
Conveniently, the crystallizing agent of the present inven- 
tion can be based on any material that is insoluble in the 
corresponding amorphous precursor matrix. It is preferred 
50 that the material be nontoxic. For the manufacturing 
operation, it is moreover an advantage to employ a relatively 
inexpensive material. 

However, the particular material selected for seeding the 
dispersed nanocrystals is not essential to the present 
55 invention, so long as it provides significant dispersion. 
Normally, the makers of the invention will select the best 
commercially available material based upon the economics 
of cost and availability, in view of the expected application 
requirements of the final product and the demands of the 
50 overall manufacturing process. 

While not being limited to any particular performance 
indicator or diagnostic identifier, preferred embodiments of 
the present invention can be identified one at a time by 
testing for the presence of small seed particle sizes. While 
65 not being bound by theory, it is believed that large seed sizes 
can cause brittleness. The test for the presence of small seed 
particle sizes can be carried out without undue experimen- 
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tation by the use of conventional TEM experiments. Among 
the other ways in which to seek embodiments having the 
attribute of high performance, guidance toward the next 
preferred embodiment can be based on the presence of large 
amounts (ie., high volume percent) of seed particles. 5 

EXAMPLE 

A specific embodiment of the present invention will now 
be further described by the following, nonlimiting example 
which will serve to illustrate in more detail various features 
of significance. The example is intended merely to facilitate 
an understanding of ways in which the present invention 
may be practiced and to further enable those of skill in the 
art to practice the present invention. Accordingly, the 
example should not be construed as limiting the scope of the 
present invention. 

As a seed particle precursor, 1 at. % lead (Pb) was added 
to a batch of 87 at. % aluminum, 7 at. % yttrium, and 5 at. 

% iron (A1 — 7Y — 5Fe). An amorphous ribbon was solidified 2Q 
from the resultant batch by free-jet melt spinning. 

FIG. 1 shows a transmission electron micrograph of the 
as-solidified ribbon. It can be appreciated that the matrix is 
predominately an amorphous structure with discrete spheri- 
cal regions of crystalline lead, the later having sizes in the 25 
range of from approximately 10 nm to approximately 60 nm. 
The volume fraction of A1 particles is in excess of 10 volume 
percent (vol. %). The density of these lead particles is on the 
order of 10 20 sites/m 3 . Higher lead particle densities can be 
achieved by process optimization. The as-solidified ribbon 30 
was then thermally cycled. The cycling included 10 minutes 
dwell time at 290° C. 

FIG. 2 shows a transmission electron micrograph of the 
cycled ribbon. It can be appreciated that there is an alumi- 
num nanocrystal next to each particle of lead. The one to one 35 
correspondence between Pb particles and A1 nanocrystals 
indicates the reliability of the invention. FIG. 3 shows a 
histogram of lead particle diameter distribution in the 
as-solidified ribbon. It can be appreciated that the particle 
size distribution is biased toward smaller particles. 40 

For comparison, another amorphous ribbon was solidified 
from a batch of 87 at. % aluminum, 7 at. % yttrium, and 5 
at. % iron (A1 — 7Y — 5Fe) by free-jet melt spinning. No lead 
was added to this comparative sample. FIG. 4 shows a 
transmission electron micrograph of the comparative sample 45 
after annealing at 275 0 C. for 10 minutes. FIG. 5 illustrates 
a histogram of aluminum particle diameter distribution in 
the comparative sample. 

Theory 50 

1. Outline of Theory Section 

During primarily crystallization of multicomponent amor- 
phous alloys a high density of nanocrystals can develop at 
levels up to approximately 10 23 m -3 and volume fractions of 
greater than approximately 0.30. For Al-based amorphous 55 
alloys at high aluminum nanocrystal densities, diffusion 
field impingement develops quickly above the glass transi- 
tion and provides for a kinetic stabilization. A kinetics 
analysis (described below) has been developed to account 
for nanocrystal growth with diffusion field impingement and 60 
unequal component diffisivities. The kinetics analysis 
together with a thermodynamic model of the fcc-liquid 
phase equilibria for A1 — Y — Fe is applied below to model 
differential scanning calorimetry (DSC) exotherms corre- 
sponding to primary face centered cubic (fee) nanocrystal 65 
formation. From the kinetics analysis an estimate of the 
diffusion coefficient of yttrium in the Al-based liquid is 
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obtained above the glass transition as 1.4xl0 -17 m 2 /s. New 
alloying strategies are discussed below based upon the 
implications of the kinetics analysis. 

2. Introduction 

Many studies of rapidly quenched amorphous alloys focus 
on easy glass forming ability or the crystallization onset as 
a measure of kinetic stability. In fact, the initial annealing 
response has been used to distinguish between microcrys- 
talline and amorphous structures in terms of a continuous 
grain growth or a sharp onset for a nucleation and growth. 
With primary crystallization reactions, recent studies have 
indicated the critical role of transient effects and have 
provided valuable information on diffusion in the amor- 
phous matrix [1]. Of special importance is the recent dis- 
covery of Al-rich glasses containing=85 at. % A1 and a 
combination of transition and rare earth element additions 
[2-4]. These materials yield microstructures of a high den- 
sity of A1 nanocrystals (>10 20 m -3 ) in an amorphous matrix 
with nanocrystal volume fractions approaching 30% that 
offer remarkably high strength. 

In terms of the usual criteria, the Al-base glasses do not 
offer a high kinetic stability since they require a high cooling 
rate for synthesis and have not been produced in bulk 
samples. This characteristic is related to the high density of 
“quenched-in” nuclei that can lead to the development of A1 
nanocrystals. The development of a rapidly solidified glass 
Al-base is controlled by growth kinetic limitations. Indeed, 
similar reactions develop in binary A1 — Sm alloys [5] sug- 
gesting that the transition metal does not play a critical role 
in primary crystallization, but may facilitate a broader range 
of easy glass formation conditions. At the same time, the 
continued development of high strength Al-base nanocrys- 
talline materials has involved the incorporation of further 
multicomponent alloying of noble metals [6] and transition 
metals [7] to promote an increased nanocrystal density and 
a widening of the glass formation composition range. 

While bulk glass formation has not been achieved as yet, 
the Al-base glasses do offer a high kinetic stability as 
measured by the primary crystallization exotherm onset [8], 
T c , where T c /T z «0.44, which is again related to growth 
kinetic limitations. However, it has been shown that A1 
nanocrystals are growing slowly at temperatures below the 
calorimetrically determined crystallization onset [9]. An 
analysis of the kinetics showed that the heat evolution rate 
below the onset is too small for detection by usual differ- 
ential scanning calorimetry (DSC) methods. On further 
heating to near the peak onset, the glass transition is reached. 
The corresponding increase in the nucleation and growth 
rates yields a detectable DSC signal. Diffusion field 
impingement was determined to be the major factor limiting 
nanocrystal growth. The following theoretical discussion 
expands upon the analysis of the heat evolution rate and 
particle growth rate including diffusion field impingement 
and multicomponent diffusion effects. While numerical 
methods such as that given by Kampmann et al. [10] can 
provide a detailed description of all stages of particle 
development from nucleation to coarsening, the following 
analytical approach is effective in describing the major 
factors involved in nanocrystal development. Moreover, 
some effects considered in the following analytical approach 
such as multicomponent diffusion have not yet been treated 
systematically with numerical methods. The following 
analysis is applied to primary crystallization of Al-based 
glasses to demonstrate the kinetic model, but it is relevant to 
other multicomponent metallic glasses that exhibit primary 
crystallization as the initial devitrification reaction. 
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3. Experimental Procedure 

As representative systems to examine primary 
crystallization, A1 — Y — Fe and A1 — Sm alloys were 
selected, specifically the compositions A1 — 7 at. % Y — 5 at. 

% and Fe and Al— 8 at. % Sm. Alloys were produced by 5 
arc-melting high purity constituents in the desired propor- 
tions with repeated remelting to insure homogeneity. Melt 
spun ribbon was produced by using single roller technique 
with a peripheral wheel velocity of 24 meters/second in all 
runs; the ribbon was approximately 20 microns thick and 10 
3-4 mm wide. Thermal analysis was performed using a 
Perkin Elmer DSC-7 system. X-ray diffraction (XRD) traces 
were obtained using standard reflection mode with a Cu Ka 
source. Transmission electron microscopy (TEM) was con- 
ducted on a JEOL 200CX instrument at 120 kV using 15 
standard sample thinning procedures for preparing samples 
from the alloy ribbons. The Al nanocrystal size measure- 
ments were made directly from the TEM negatives using a 
magnifying lens with a graduated reticle (±0.1 mm). Three 
measurements were taken of each nanocrystal. 20 

4. Experimental Results 

A DSC heating trace of melt-spun Al — 7Y — 5Fe for the 
entire course of crystallization is shown in FIG. 6 A. The first 
observable crystallization reaction has an onset at about 
276° C.; the peak is distinctly asymmetric with a tail at high 25 
temperatures. FIG. 6(a) shows a DSC continuous heating 
trace at 40° C./min of Al — 7Y — SFe showing primary 
crystallization reaction at 276° C. as well as crystallization 
reactions at higher temperatures (mass 8.36 mg). The DSC 
heating trace of melt-spun Al — 8 Sm shown in FIG. 6B 30 
contains the same characteristic peaks. FIG. 6(Z?) shows a 
DSC continuous heating trace at 40° C./min of Al — 8 Sm 
(mass 4.63) showing similar behavior. 

XRD and TEM analysis indicates that the as-solidified 
melt-spun ribbon appears amorphous [5,11]. Moreover, 35 
heating beyond the first observable peak in Al-rich glass 
forming alloys results in primary crystallization of essen- 
tially pure Al [5,11]. TEM analysis of a sample (isothermal) 
held at 245° C. for 10 minutes (FIG. 7A) indicates devel- 
opment of approximately 4xl0 21 m -3 nearly spherical Al 40 
nanocrystals of 22 nm average diameter. FIG. 1(a) shows 
TEM bright-held micrograph of Al — 7Y — 5Fe sample held 
at 245° C. for 10 minutes. Some particles with unfavorable 
diffraction contrast may be difficult to discern in the print. 
FIG. 1(b) shows a histogram of aluminum nanocrystal 45 
diameter. The size distribution after this treatment was 
narrow, with a standard deviation of 4 nm (FIG. 7B). Based 
upon previous work [9], TEM analysis of the sample held 
isothermally at 245° C. for 100 minutes indicated that the 
nanocrystals grew further and developed a non-spherical 50 
shape, but the number density was still approximately 10 21 
m -3 . However, for samples isothermally held above 270° C. 
for 10 minutes, the nanocrystals developed into a highly 
dense dispersion (e.g., 1.4xl0 22 m -3 for a sample held at 
275° C. for 10 minutes). 55 

5. Discussion 

The events that contribute to the development of the 
primary crystallization peak in DSC may be identified. In the 
initial state, the sample may contain quenched-in nuclei, or 
nucleation at a potent heterogeneous site may saturate at a 60 
respectively high density with heating. The measured par- 
ticle size distributions are consistent with a heterogeneous 
nucleation mechanism (with transient effects) based upon a 
comparison to distributions generated by simulation [1]. The 
actual identity of the active nucleation site was not 65 
determined, but it is clear that internal nucleant concentra- 
tions far in excess of the levels usually observed in metallic 
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melts (i.e., approximately 10 13 m -3 [12]) are present to 
provide for the high Al nanocrystal particle density. The 
nucleant sites may be related to specific structural features 
associated with Al -transition metal-rare earth alloys. [13] 

The heat evolution due to the growth of the initial 
distribution of nanocrystals is too small to be detectable by 
DSC due to the relative low particle density and sluggish 
diffusion. The increase in observed particle density in the 
Al — Y — Fe alloys from approximately 10 2O -10 21 m -3 for 
lower temperature treatments, and to greater than approxi- 
mately 10 22 m -3 near 270° C., corresponds to the glass 
transition onset. Upon further heating to near the glass 
transition, T^ (which is approximately 265° C.), the corre- 
sponding increase in diffusivity yields additional nucleation 
and a substantial increase in the initial particle growth rate. 
These effects result in a clear exotherm onset that reaches a 
peak value when diffusion field impingement develops 
between neighboring primary nanocrystals. The decaying 
signal for temperatures above the peak and the asymmetric 
character of the DSC exotherm peak arise from the influence 
of impingement and reduced particle growth. 

While the increase in N v upon reaching glass transition 
may seem relatively small, many of the available nucleation 
sites have already been expended at the lower temperatures. 
Moreover, each nanocrystal growing into the amorphous 
matrix rejects yttrium and iron and reduces the driving force 
for aluminum formation; hence a “nucleation exclusion 
zone” forms around each nanocrystal and significantly 
decreases the nucleation rate in this region from what it 
would have been without the change in composition. 
Therefore, the observed increase corresponds to a significant 
change in behavior, as evidenced by the exothermic peak 
onset in the continuous heating trace. 

6. Thermodynamic Model 

The details of the thermodynamic model are described in 
Appendix A. The calculated, metastable fcc-liquid equilibria 
at 553° K. are given in FIG. 8. FIG. 8 shows a calculated 
metastable phase diagram (553° K.) of Al — Y — Fe showing 
fcc-L equilibria. The dashed line shows the L boundary at 
513° K. The tie line through Al — 7Y — 5Fe is shown and the 
interface contour (IC) for the Coates model is also included. 
The solubility of yttrium and iron in aluminum at the 
equilibrium eutectic temperatures of each binary system is 
on the order of less than approximately 0.05 and less than 
approximately 0.03 at. %, respectively. The alloy composi- 
tion of interest (Al — 7Y — 5Fe) is on the tie line joining the 
fee phase of composition Al — 0.01Y — 0.6Fe and the liquid 
phase of composition Al — 10.8Y — 7.2Fe. The bulk compo- 
sition at 553° K. corresponds to volume fractions of approxi- 
mately 0.345 for the fee phase and approximately 0.655 for 
the liquid. The dashed line in FIG. 8 represents the liquidus 
(or glass) phase boundary at 513° K., illustrating that the 
phase boundary changes little over the temperature range of 
interest. 

7. Modeling of Nanocrystal Growth 

The kinetics of diffusion-controlled precipitate growth 
follows the functional relation R VDt (i.e., parabolic 
growth) in the early stages of growth prior to diffusion field 
impingement of adjacent particles. At long times, the growth 
rate, dR/dt, will approach zero at the completion of the 
reaction. Usually, reactions are not polymorphic and growth 
requires a change in composition. Under these 
circumstances, the tie line gives the final volume fraction 
transformed, which will be less than unity. The Johnson- 
Mehl-Avrami-Kolmogorov (JMAK) equation [14—16] pro- 
vides a reasonable approximation for precipitate growth in 
the early states of non-polymorphic reactions [17,18], but 
this type of law does not treat diffusion field impingement 

[ 17 ]. 
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The following analysis of the heat evolution rate for the 
higher temperature traces is based on the work of Ham [17], 
which considers spherical precipitate growth including 
diffusion-field impingement The model considers a cubic 
array of identical particles growing under diffusion control 5 
with a composition-independent diffusivity, and treats the 
composition profile in the matrix as an average quantity. The 
Ham model was developed for particle sizes much smaller 
than the inter-particle spacing (i.e., low supersaturation 
conditions). In this study, the average particle size is about 
one-half that of the average spacing at the maximum particle 
density after the completion of the reaction. Nevertheless, 
the Ham model will yield good accounting for the heat 
evolution rate except at the final states of the reaction. 

The Ham model is briefly summarized immediately below 
with appropriate nomenclature changes for this analysis. For 15 
a precipitate size R(t) and spacing 2R S , Ham gives the 
growth rate as 


dm \ c m -c{t) 1 p 

dt [C p -C m \ R(t ) 


(1) 

20 


where D is the matrix diffusivity, C is the average solute 
content in the matrix, and C p and C m are the precipitate and 
matrix compositions at the interface, respectively. Conser- 25 
vation of solute requires that 

4n , 4tt , — (2) 

y (C p - C m )R 3 (r) = — [C 0 - C(r)] 

30 

where C 0 is the initial matrix composition. Eliminating R(t) 
from Eqs. (1) and (2) gives 


dC(t) 

dt 


3D 


Cp-C(f) 
Cm - C p 


1/3 

[C m ~ C(t )] 


(3) 


35 


The solution of Eq. (3) for which C(t=0)=C o and for an 
initial particle radius of zero is ^ 

Dt\Co-C m ~\ 1/3 _ 1 r (w 2 + u + 1) 1 1 _J (2 u + 1) (4) 

“6 ln [(« 2 -2« + l)J _ vf 13 " "7T" 


where u 3 =l-C(t)/C 0 . The analysis treats the initial particle 45 
radius as zero, since the results differ negligibly from those 
obtained by assuming an initial size of r*«0.7 nm due to the 
small size of the critical nucleus relative to the interparticle 
spacing. To model the DSC behavior, the analysis may be 
extended to yield the expected heat evolution rate, Q, during 
particle growth as 


dQ , dR(t) 

: -P = (N v V) ■ AH V ■ 4nR 2 (t) — 7— 
dt dt 


(5) 


55 


in which N v is the particle density, V is the sample volume, 
and AH V is the enthalpy change per unit volume. Equations. 

(4) and (2) provide the quantities (t) and R(t), respectively. 
Note that in the early stages of reaction prior to diffusion 60 
field impingement, the average matrix composition C(t«C 0 ). 
Thus, from the integration of Eq. (1), R VDt as expected. At 
long times, as the reaction nears completion, the average 
solute content in the matrix approaches C m and thus from 
Eq. (1), dR/dt->0. The growth rate decays to zero as the 65 
driving force for precipitation is eliminated at long times. 
Since the Ham analysis treats diffusion in a binary system, 


the application of the model to the ternary A1 — Y — Fe 
system requires additional considerations that are based on 
the work of Coates [19,20], detailed below. 

8. Interface Composition 

Field ion microscopy (FIM) measurements of A1 — Ni — 
Ce alloys [21] indicate that the rare earth element diffuses 
much more slowly that the transition metal. These results 
suggest that yttrium is the slow diffuser in the A1 — Y — Fe 
system. The Coates model accounts for diffusion limited 
growth of precipitates in ternary systems with unequal 
component diffusion coefficients. For a ternary system ABC, 
where B and C are solutes in A, the simplest case is given 
for D^=D C . Here the tie line gives the interface composi- 
tions of the precipitate and matrix (i.e., local equilibrium). If 
Dj5?*D c , the interface compositions depart from the tie line 
values. For differing component diffusivities, Coates has 
used the concept of an interface contour (IC), which includes 
all bulk alloy compositions in the two-phase field that yield 
a given set of precipitate and matrix compositions at the 
interface during growth. 

For purposes of this analysis, the ratio D Fe /D =100 has 
been used which is reasonable for the large observed dif- 
ferences in comparison profiles of rare earth elements and 
transition metal [21]. Applying the Coates model for spheri- 
cal growth yields the IC shown in FIG. 8. The IC through 
A1 — 7Y — 5Fe includes the matrix composition 
A1 — 12.4Y — 5.1 Fe and the precipitate composition 
A1 — 0.01Y — 0.4 Fe. These results indicate that the initial 
composition of the matrix differs by only a few percent from 
the tie line value and the precipitate composition is essen- 
tially the same as that given by the tie line. The IC calculated 
for D re /D y =100 approaches the upper bound estimate for the 
magnitude of the multicomponent diffusion effect; in this 
case the results from the Coates model indicate that the 
matrix composition deviates from the tie line nearly as much 
as for D Fe fD y -^ . 

The IC that was calculated from the Coates analysis is 
only valid for the initial stages of growth before the diffusion 
field impingement of iron. Iron is assumed to diffuse rapidly 
and to adjust its composition in the matrix as the composi- 
tion gradient of yttrium evolves. Thus, during growth the 
matrix composition will move along the phase boundary to 
compositions higher in iron and lower in yttrium and estab- 
lish new IC’s. The process will continue until the reaction 
reaches completion. In general, a complete description of the 
kinetics requires that the trajectory of the IC’s be modeled. 
But due to the restricted range of matrix compositions at the 
interface during the evolution of the IC’s in the current case, 
the primary effect is due to the diffusion coefficient and the 
number and density of nanocrystals. Hence, a constant 
interface composition given by the tie line has been used in 
this analysis. 

The disparity in solute diffusivities produces different 
kinetic regimes that depend on the bulk alloy composition. 
The Coates model indicates that along the section of the IC 
that is essentially constant in iron content, which includes 
the alloy composition of interest (A1 — 7Y — 5Fe), the slow 
diffusing element yttrium) limits the kinetics. Along the part 
of the IC that is essentially constant in yttrium which is 
restricted to near pure A1 for the current conditions, the fast 
diffusing element (iron) governs the kinetics. Hence the 
delineation of IC’s in a multicomponent alloy system is 
essential to gauging the kinetic response during growth. 

In some alloy systems, the matrix phase boundary can 
differ to a greater extent from the precipitate composition 
than in A1 — Y — Fe, and the multicomponent diffusion effect 
will be proportionately larger. That is, the composition given 
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by Coates model and that given by the tie line will differ to 
a larger extent As is discussed later, the IC concept may be 
exploited for alloy design. 

The small (nm) size of the aluminum phase requires an 
assessment of the Gibbs-Thomson effect. The calculations 5 
are based on solid-liquid interfacial energy that was esti- 
mated at 170 mJ/m 2 from the maximum undercooling of the 
alloy [22]. Since the solubility of Y and Fe in the fee (Al) 
phase is so small (<0.01% Y and <0.6% Fe for the tie line 
of interest), the magnitude of the Gibbs-Thomson effect is 
also small and has been neglected in this analysis. For 
example, even for a particular diameter of 4 nm, the Gibbs- 
Thomson effect gives an estimated increase in solubility of 
45% over the bulk value. But this increase still only yields 
negligible solubility of yttrium and <1 at. % Fe. For nanoc- 
rystals that have higher solubility levels, the Gibbs- 15 
Thomson effect would need to be included in a growth 
kinetics analysis. 

9. Application of the Ham Model 

The parameters needed for the Ham model include the Al 
nanocrystal particle density, which is obtained from TEM 20 
analysis; the enthalpy of crystallization and the interface 
compositions, which are obtained from the thermodynamic 
model; and the diffusivity, which is a free parameter in the 
analysis. The diffusivity used to model the DSC exotherm 
corresponds to the volume diffusion coefficient of yttrium in 25 
the liquid phase near T^ rather than the amorphous phase. 

The growth kinetics analysis is applied to both the iso- 
thermal and continuous heating scans due to the inherent 
limitations of each type of trace. The isothermal traces have 
substantial instrumental transients at early times (<20-30 30 
seconds) that are convoluted with the actual data. This 
transient is large even after subtraction of the trace with a 
pure aluminum standard [9]. For the continuous heating 
trace, two of the assumptions of the Ham analysis must be 
relaxed: constant composition at the interface and constant 35 
diffusivity. 

The thermodynamic model shows that the composition of 
the matrix at the interface changes slowly over the tempera- 
ture rate of interest (see FIG. 8 ). The assumption of constant 
diffusivity requires additional discussion. Recent work [23] 40 
has indicated that the Stokes-Einstein relation between vis- 
cosity and diffusivity breaks down near the glass transition, 
since the defects associated with momentum transport differ 
from the defects associated with solute transport. Indeed, 
Wagner and Spaepen show that while the viscosity changes 45 
very rapidly near T^, the variation in diffusivity with tem- 
perature is modest (for Pd — 6 Cu — 16.5 Si, D changes by 
less than a factor of 3 over a range of 15° K. near T^). 
Analysis of Pd — Ni — P [24] and Pd/Si/Fe multilayer [25] 
data also support the divergence of viscosity and diffusivity 50 
behavior near T . 

The Ham analysis was applied to the continuous heating 
trace with the starting time (i.e., peak onset) for the reaction 
determined to be 355 seconds (time zero refers to the start 
of the heating trace at room temperature), N v =1.8xl0 22 m “ 3 55 
and AH v =-2.84xlO s J/m 3 . FIG. 9 shows the expected heat 
evolution rates for the continuous heating trace for three 
different D Y values; the best agreement with the data is for 
D^lAxlO -17 m 2 /s. FIG. 9 shows a modeling of a continu- 
ous heating trace peak of Al — 7Y — 5Fe from FIG. 6 shown 60 
as a function of time. The peak has been fitted with three 
values for the yttrium diffusion coefficient: 5xl“ 18 , 
1.4xl0“ 17 , and 5xl0 “ 17 m 2 /second. A fit to the 280° C. 
isothermal trace with N v =1.8xl0 22 m “ 3 also showed reason- 
able agreement with D y «1.4xl0 -17 m 2 /s (FIG. 10). FIG. 10 65 
shows an isothermal DSC trace at 280° C. after subtraction 
with an 


14 

aluminum standard. The instrumental transient signal domi- 
nates at short times. The isothermal trace has been fitted with 
three values for the yttrium diffusion coefficient: 5xl0“ 18 , 
1.4xl0“ 17 , and 5xl0 “ 17 m 2 /second. Note that the predicted 
heat evolution curves appear to be shifted to longer times 
than the data. This shift may be due to partial reaction before 
the time zero of the DSC trace. In each calculation, all of the 
particles were assumed to nucleate at the reaction starting 
point (i.e., the peak onset for the continuous heating trace 
and the DSC time zero for the isothermal trace). 

The diffusion coefficient deduced from the application of 
the Ham model to the isothermal trace at 280° C. is 
consistent with that deduced from the continuous heating 
trace. The agreement of the Ham model to the data over the 
entire temperature range of the peak provides additional 
support for the conclusion that the diffusion coefficient 
changes little during the first crystallization peak. If the 
diffusivity changed rapidly over the temperature range of the 
peak, the analysis would agree with only part of the data. 

The calculation results shown in FIGS. 9 and 10 indicate 
that as the assumed diffusion coefficient increases, the 
reaction peak becomes sharper with a larger amplitude, 
while the total peak area remains constant The reaction also 
reaches completion more rapidly. Similar results are 
obtained if the assumed particle density increases (at a 
constant supersaturation level). The increase in reaction 
kinetics with increasing particle density arises due to the 
nature of diffusion-limited growth. If the particle density is 
large, the diffusion distances are smaller and the reaction 
reaches completion faster than for smaller particle densities. 
The accuracy of the diffusivity obtained from the Ham 
model is limited primarily by the accuracy of the measured 
particle density, N v . Examination of equation (4) indicates 
that D and N v are related through the parameter, Rs, where 

N v 1/R, 3 (6) 

Thus, a factor of 3 error in N v gives a factor of approxi- 
mately 2 error in D. 

The Ham analysis predicts a rapid deviation from para- 
bolic growth behavior given the high observed particle 
density and the estimated diffusion coefficient (FIG. 11). 
FIG. 11 shows calculated particle radius as a function of the 
square root of reaction time given by the Ham model (solid 
line) for N v =1.8xl0 22 m “ 3 and D y = 1.4x10 “ 17 m 2 /second. 
Also shown are the particle radius given by R=SVDt with 
S«2.8 (Ham model at early times) and S«1.5 (Frank model). 
Time zero of this plot corresponds to the peak onset (t=355 
seconds in FIG. 9); The predicted particle radius becomes 
less than that given by Expression (7) after only a few 
seconds for temperatures above the glass transition, high- 
lighting the need to consider diffusion-field impingement in 
a growth kinetics analysis involving high particle densities. 


R=SVDt (7) 

The analysis has been based on the assumption that the 
diffusion coefficient does not change with composition. 
Some reports have suggested that the inhibited growth of the 
nanocrystals is due to solute buildup [2]. However, the 
substantial additional growth of the nanocrystals at 245° C. 
for annealing times longer than 10 minutes [9] indicates that 
the diffusivity is not a strong function of composition in this 
system. Indeed, further analysis indicates that a single 
diffusion coefficient describes growth at 245° C. until 
diffusion-field impingement occurs [22]. While composition 
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gradient effects may indeed be important, especially for 
intermetallic formation [2], this analysis shows that with 
typical D values for amorphous alloys [26], diffusion field 
impingement alone can account for the observed primary 
crystallization behavior. Thus, the key feature in the kinetic 
stabilization of nanocrystals developed during devitrifica- 
tion is a high initial nucleation density. 

At the later stages of growth after diffusion field 
impingement, the JMAK equation may give the correct 
qualitative behavior with the proper exponent, but it is not 
a rigorous description for growth during non-polymorphic 
transformations. Christian [18] has noted that for parabolic 
growth, the exponent in the JMAK equation is n=5/2 for 
continuous nucleation and n=3/2 for early site saturation of 
nuclei. The heat evolution for n=3/2 (site saturation) has a 
qualitative shape similar to that predicted by the Ham 
analysis. Note that one of the assumptions of the Ham 
analysis was a preexisting array of particles, which is similar 
to early site saturation of heterogeneous nuclei. The Ham 
model improves upon the JMAK analysis to quantitatively 
describe growth during the entire period of growth for 
non-polymorphic transformations. Thus, kinetics parameters 
may be extracted with greater confidence from a description 
of growth with the Ham model as compared to a similar 
description with the JMAK model. 

10. Composition Profile 

The Ham analysis provides the growth rate for a spherical 
particle under the condition of diffusion-field impingement, 
but does not provide composition profile information for the 
matrix, since this composition level is treated as an average 
quantity. To illustrate further the importance of 
impingement, the diffusion fields of two adjacent particles 
were each calculated by assuming growth into an indefinite 
matrix. Frank [27] has developed the solution to the moving 
boundary problem in spherical coordinates. The 
composition, C, in the matrix ahead of the interface is given 
as 

C-C 0 = 1 / 2 (C m -C /7 )5 3 exp(5 2 /4) (8) 

where s=r/VDt and r is the radius of interest. The rate of 
particle growth with time is R=SVDt where S**1.5 for growth 
limited by the diffusion of yttrium. The value of S»1.5 given 
by the rigorous Frank solution agrees well with that from the 
Ham analysis (S»2.8). 

FIG. 12 shows the composition profiles of two adjacent 
particles that were calculated by assuming an infinite matrix. 
FIG. 12 shows calculated diffusion fields for yttrium for 
particles 40 nm apart with midpoint between nanocrystals at 
zero at 4 seconds (solid lines) and 8 seconds (dashed lines) 
for D r =1.4xKT 17 m 2 /second. Vertical lines represent the 
interfaces between A1 and the amorphous matrix. Note that 
with conditions similar to those found to fit the exotherm in 
FIG. 6, (Dy»1.4xl0 -17 m/s and a particle spacing of 40 nm, 
which corresponds to N v «1.6xl0 22 m -3 ), diffusion field 
impingement begins at approximately 4 seconds and 
becomes significant at approximately 8 seconds. 

The calculated composition gradient near the interface at 
4 seconds is greater than approximately 10 6 m -1 , which is of 
sufficient magnitude to affect the nucleation kinetics [2]. 
Gradient effects will reduce the effective nucleation rate in 
the matrix near the interface. Since solute levels are enriched 
near the interface, intermetallic phases would be the most 
likely phases to form. Hence in the initial stages, gradient 
effects tend to stabilize the Al-nanocrystal/amorphous 
matrix structure and inhibit the formation of additional 
crystalline phases. 


11. Coarsening 

Since this analysis considers growth of a large number of 
very small (nanometer scale) particles, the effect of particle 
coarsening on the microstructural development must be 
5 considered. Greenwood [28] has shown that particles of 
twice the average radius (i.e., 2) grow at the fastest rate. The 
observed particle distributions tended to be narrow, so 
coarsening effects will be much less pronounced compared 
to distributions that include a wide range of particle sizes. 
The maximum growth rate due to coarsening may be 
expressed as [28] 

dR ) _ DC m Mo- 1 (9) 

~dt Lx" IRTp 1 
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where D is the diffusivity in the matrix, C m is the solubility 
in the matrix, M is the atomic weight of the diffusing 
species, a is the particle -matrix interfacial energy, and p is 
the density of the diffusing species. The diffusion of yttrium 
20 limits the coarsening rate. At 245° C. (i.e., below the glass 
transition), D y «9xlO -20 m2 /s [9] and «11 nm after 10 
minutes, so the maximum growth rate due to coarsening is 
about 0.2 mn/hour. This rate is insignificant for the time 
scale of the isothermal treatments (10-100 minutes). For 
25 temperatures near 270° C. (i.e., near the glass transition), 
D y «1.4xl0 -17 m 2 /s and R«d5 after 10 minutes; thus the 
maximum coarsening rate is about 0.16 nm/min. While this 
latter value is significant for long holding times, the change 
in particle size due to coarsening is small for the annealing 
30 treatments in this study (10 minutes). 

12. Alloying Strategies 

Since many of the metallic glass forming systems have 
been discovered based upon the empirical rule of adding 
solutes with a large difference in atomic size [29], a disparity 
35 in the solute diffusivities may be expected. The growth 
kinetics of nanocrystals during primary crystallization of 
these glass materials will be strongly affected by unequal 
solute diffusivities. Therefore, alloying strategies can be 
developed that exploit the effect of multicomponent diffu- 
40 sion on the growth behavior. These strategies apply to any 
glass-forming material that has unequal diffusion coeffi- 
cients and a region of glass stability, including the Al- and 
Fe-based materials. 

The glass transition temperature in metallic glass-forming 
45 systems often develops a maximum within the ternary 
diagram [30], producing a region of glass surrounded by 
liquid in composition space. This tendency suggests two 
different strategies that can be applied with a consideration 
of the multicomponent of the multicomponent diffusion 
50 effect. 

The first strategy considers an alloy composition P (FIG. 
13) in equilibrium with the solid a phase of composition Q 
and liquid phase of composition R. FIG. 13 shows a sche- 
matic isothermal ternary section illustrating alloying strat- 
55 egies that exploit the effects of multicomponent diffusion. 
The tie lines and interface contours for two different alloys 
(P and p) are shown. The dashed line delineates the glass 
region. The solubility of the a phase has been exaggerated 
for clarity. If the diffusivities of B and C were equal, growth 
60 of the a phase would yield compositions at the a-L interface 
given by the tie line. With D^<D C , the IC given by the curve 
SPT develops. Note that the interface composition T is now 
in the glass region rather than the liquid. Since the diffusivity 
of the glass is much smaller than that of the liquid, the 
65 growth rate of the a phase is substantially reduced. This 
phenomenon allows for higher relative amounts of compo- 
nent C compared to component B, while retaining the 
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interface composition of the amorphous matrix in the glass 
region rather than the liquid region. Thus, growth of the 
primary nanocrystals is limited by diffusion in the glass 
rather than in the liquid, significantly decreasing the growth 
rate. Note, though, that due to mass conservation new IC’s 5 
will develop and composition T will track along the liquids 
boundary in the direction of R and eventually surpass it. The 
capability of increasing the amount of component C while 
retaining good kinetic stability of the material is useful when 
additions of C yield improvement of desired material prop- 10 
erties. This situation allows extended, elevated temperature 
capability for a nanocrystal/amorphous matrix composite 
material for the alloy composition R However, if D^>D C , 
the matrix composition T of the IC given by SPT will lie on 
the liquid’s boundary to the left of composition R rather than 15 
to the right as is shown in FIG. 13, and the kinetics would 
be based on growth into the liquid rather than the glass. 

The second strategy provides for the capability of 
enhanced reaction rate. FIG. 13 shows the tie line qpr that 
describes equilibrium between a and the glass phase. With 20 
Dj?<D c , the system establishes the IC given by the curve spt 
during growth of the a phase. Thus, the IC gives the 
interface composition of the amorphous matrix as within the 
liquid phase rather than the glass phase. A fast reaction rate 
is useful for the rapid formation of the desired nanocrystal 25 
structure, before undesired phases (such as intermetallics) 
could nucleate and grow. Moreover, oxidation and other 
effects such as vaporization of volatile constituents are 
minimized with shorter heat treatment times. 

13. Summary of Theory Section 30 

A high nucleation density is clearly an important prereq- 
uisite for the development of nanocrystal dispersions during 
primary crystallization of metallic glass. A microstructure of 
10 21 m -3 crystals of 20 nm diameter in an amorphous matrix 
can be readily detected by TEM, but the net heat generation 35 
is too weak for detection by the usual DSC methods. Upon 
approaching T^, the enhancement of diffusivity promotes 
further nucleation and growth. However, the high nanocrys- 
tal density (10 22 -10 23 m -3 ) results in rapid diffusion field 
impingement that arrests growth. This provides a mecha- 40 
nism to limit nanocrystal growth and maintain the high 
density of nanocrystals. The analysis of Ham yields a 
description of diffusional growth that includes the effects of 
diffusion field impingement. The modeling of nanocrystal 
development with this approach provides a good accounting 45 
for the DSC exotherm. Since yttrium and iron diffuse at 
different rates, the interface compositions deviate from the 
tie line values. Although this effect is small in the A1 — Y — 

Fe system, in some systems it may be substantial and must 
therefore be included in a growth kinetics analysis. The 50 
tendency for glass-forming materials to have disparate sol- 
ute diffusivities can be exploited to develop alloying strat- 
egies. Application of the Coates model permits the identi- 
fication of composition ranges that provide either rapid 
reaction rate or enhanced thermal stability. 55 

14. Appendix A: Thermodynamic Model 

A thermodynamic model was applied to the A1 — Y — Fe 
system to obtain enthalpy values for modeling the DSC 
behavior. A calculation of the fcc-liquid phase equilibria was 
based on tabulated lattice stability estimates (except for fee 60 
Y) and Redlich-Kister [31] polynomials for the excess Gibbs 
free energy of the fee and liquid phases. The excess free 
energy polynomials were truncated to temperature - 
independent terms of zero order for the fee phase in each 
binary system and for the liquid phase in the Fe — Y and 65 
A1 — Y binary systems. Ternary interaction parameters were 
neglected. This procedure yielded an excess free energy 
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function of the form xs G L =X Al X Y L L AlY +X A1 X Fe L L AlFe + 
X Fe X^L L Fe Y , where the h tj L terms are the interaction 
parameters and the X,- terms are the mole fractions. In this 
analysis, 

L^j = °Lfj = constant. 


constant, except for the liquid phase in the A1 — Fe system. 

The lattice stability for yttrium in the fee structure was 
based upon theoretical estimates combined with SGTE 
values [32] for the bcc and hep structures. Saunders [33] has 
given S/ cc -S r focc «-3.0 J/mole K and Guillermet [34] has 
given H /cc y _ y Ac/ W1000 J/mole. These values along with 
SGTE lattice stability approximations for the temperature 
range of interest 

G f y c - G$ cp « 1000 - 0.4327. 


Table 1 summarizes the lattice stabilities. 

Enthalpy of solution measurements at 1873 K from ref- 
erences [36] and [37] provided the interaction parameters 

°Lp e j °L^ l Y 


respectively. The interaction parameters for the A1 — Fe 
binary system have been taken from the work of Murray [38] 
for 0-25 at. % Fe. The measured solubility of yttrium in 
fcc-Al at the eutectic temperature provided an estimate of 


the measured enthalpy of solution for an Fe — 50 at. % Y 
alloy [39] provided an estimate of 

0 I fee 
^ Fe,Y ■ 


Table 2 summarizes the interaction parameters. 

TABLE 1 


Summary of lattice stabilities (Y lattice stabilities valid from 45 0-9 00 K) 


lattice stability 

value (J/mole) 

reference 

°G Y hcp 

0 

adapted from [32] 

°G Y bcc 

4857.2-2.568 T 

adapted from [32] 

°G Y fcc 

1000-0.432 T 

this work 

°G Y L 

8113.9 + 0.288 T -2.65 x 10- 3 T 2 

adapted from [32] 

O/^l fee 

U A1 

0 

[33] 

°a L 

'- r Al 

10711-11.473 T 

[33] 

(V> bcc 
^Fe 

0 

[35] 

O/^l fee 
^Fe 

6109-3.462 F -0.7472 x 10“ 2 T 2 
+0.5125 x 10-5T3 

[35] 

°G L 

^Fe 

13807.2-7.6316 T 

[35] 



TABLE 2 



Summary of thermodynamic parameters 


parameter 

value (J/mole) 

reference 

t fee 

-24000 

this work 

T L 

-140000 

[37] 

t fee 

-*- J Al,Fe 

-24000 

[38] 
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TABLE 2-continued 


parameter 

Summary of thermodynamic parameters 

reference 

value (J/mole) 

T L 

^AI,Fe 

(-78000 + 18.4 T) - 6000(1 - 2ZX Fe ) 

[38] 

t fee 

^Fe.Yl 

-24000 

[36] 

T L 

■^Fe.Y 

-33500 

[33] 


The invention includes a simple and effective method for 
detecting the Pb. This is attractive from the point of view of 
identifying “unknowns” that are in fact embodiments of the 
invention that include lead. Previously, it was necessary to 
use TEM (transmitting electron microscopy), which is 
tedious and time consuming, to detect the presence of Pb in 
embodiments of the invention such as, for example, melt 
spun ribbon. The Pb can be detected with thermal analysis 
which is a quick method. Support for this method of 
detection is shown in the DSC trace for an A1 — 7Y — 5Fe — 
IPb as cast melt spun ribbon that is depicted in FIG. 14 . 
During heating at 20° C./min the trace shows the character- 
istic broad crystallization exotherm (around 250° C.) that is 
due to the development of A1 nanocrystals and then a sharp 
endotherm at 327° C. due to the melting of Pb. This is 
followed at higher temperatures by two exotherms due to the 
development of intermetallic phases. However, sometimes, 
there is no observation of the Pb melting signal. This may be 
due to a nonuniform distribution of Pb in the sample. 

FIGS. 15-16 summarize x-ray some diffraction results for 
melt spun Fe — 7Zr — 3B and Fe — 7Nb — 9B alloys. In both 
cases, a broad amorphous scattering maximum is apparent at 
about 45°. To examine the thermal stability, pieces of the 
melt spun ribbon were mixed with A1 2 0 3 powder and heated 
at a rate of 20° C./min in accordance with differential 
thermal analysis (DTA). The thermal response of the 
Fe — 72r-3B and Fe — 7Nb — 9B alloy samples is given in 
FIGS. 17 - 18 . The differential thermal analysis data shown 
on FIGS. 17-18 compares well with results reported in the 
literature [66]. 

A microstructure comprising nanocrystals of Fe separated 
from each other by an intragranular amorphous phase pro- 
vides for a magnetic coupling that is essential for optimum 
soft magnetic properties. A method that promotes an addi- 
tional nucleation density will act to limit the grain size, yield 
a finer nanocrystal size with a higher number density for the 
same volume fraction, and yield a further improvement in 
soft magnetic properties. 

The following are estimates of the behavior of some 
embodiments of the invention. The magnetic flux density 
(B s ) may exceed the range of approximately 1.2-1.5ST 
(where T stands for Tesla). The effective permeability (ju 6 ) at 
1 kHz may exceed the range of approximately 1.5-2.0xl0 4 . 
The coercivity (H c ) may be in the range of approximately 
5-8 A/m. This kind of soft magnetic performance is useful 
for devices such as, for example, transformers, inductors, 
and magnetic recording heads. 

Referring to FIGS. 20-21, differential scanning calorim- 
etry traces of two iron-based alloys according to the inven- 
tion are depicted. FIG. 20 illustrates a differential scanning 
calorimetry trace from an Fe — 7Nb — 9B — IP alloy that was 
lead deficient. Thus, only a small inflection from the lead is 
apparent. FIG. 21 illustrates a differential scanning calorim- 
etry trace from an Fe — 7Zr — 3B — IPb alloy sample. The 
Fe — 7Zr — 3B — IPb sample was not lead deficient. It can be 
appreciated that the inflection depicted in FIG. 21 from the 
melting lead is more pronounced than the inflection from the 
melting lead depicted in FIG. 20 since there was relatively 
more lead in the sample used to obtain the results depicted 
in FIG. 21. 
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Practical Applications of the Invention 

A practical application of the present invention which has 
value within the technological arts is the preparation of 
aluminum based amorphous alloys for use in sports equip - 
5 ment as well as for aerospace applications. Aluminum based 
alloys according to the invention can be used in golf clubs, 
tennis rackets, and bicycles, or the like. Another practical 
application of the invention is the preparation of iron based 
amorphous alloys for use in transformers and permanent 
10 magnets. There are virtually innumerable uses for the 
present invention, all of which need not be detailed here. 

All the disclosed embodiments of the invention described 
herein can be realized and practiced without undue experi- 
mentation. Although the best mode contemplated by the 
15 inventors of carrying out the present invention is disclosed 
above, practice of the present invention is not limited 
thereto. It will be manifest that various additions, modifi- 
cations and rearrangements of the features of the present 
invention may be made without deviating from the spirit and 
20 scope of the underlying inventive concept. Accordingly, it 
will be appreciated by those skilled in the art that the 
invention may be practiced otherwise than as specifically 
described herein. 

For example, the individual components need not be 
25 combined in the disclosed amounts, or introduced in the 
disclosed sequence, but could be provided in virtually any 
amounts, and introduced in virtually any sequence. Further, 
the individual components need not be derived from the 
disclosed materials, but could be derived from virtually any 
30 suitable precursor materials. Further, although the alloy 
described herein is capable of existing as a physically 
separate material; it will be manifest that the alloy can be 
integrated into the apparatus with which it is associated. 
Furthermore, all the disclosed features of each disclosed 
35 embodiment can be combined with, or substituted for, the 
disclosed features of every other disclosed embodiment 
except where such features are mutually exclusive. 

It is intended that the appended claims cover all such 
additions, modifications and rearrangements. Expedient 
40 embodiments of the present invention are differentiated by 
the appended subclaims. 
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What is claimed is: 

1. A nanocrystal dispersed amorphous alloy composition 
comprising: 

aluminum; 

at least one transition metal; 
at least one rare earth element; 

at least one crystallization agent that is immiscible in an 15 
amorphous precursor mixture of said aluminum, said at 
least one transition metal, and said at least one rare 
earth element, and 

at least one element selected from the group consisting of 
tin and calcium. 20 

2. A nanocrystal dispersed amorphous alloy composition 
comprising: 

aluminum; 

at least one transition metal; 25 

at least one rare earth element; and 
at least one crystallization agent that is immiscible in an 
amorphous precursor mixture of said aluminum, said at 
least one transition metal, and said at least one rare 
earth element, 

wherein said at least one crystallization agent includes at 
least one element selected from the group consisting of 
lead, bismuth, indium, and cadmium. 

3. A nanocrystal dispersed amorphous alloy composition 35 
comprising: 

iron; 

at least one transition metal; 

boron; 40 

at least one crystallization agent that is immiscible in an 
amorphous precursor mixture of said iron, said at least 
one transition metal, and said boron; and 
a flux. 


24 

4. A nanocrystal dispersed amorphous alloy composition 
comprising: 

iron; 

at least one transition metal: 
boron; 

at least one crystallization agent that is immiscible in an 
amorphous precursor mixture of said iron, said at least 
one transition metal, and said boron; and 
a flux including at least one element selected from the 
group consisting of phosphorous, and carbon. 

5. A nanocrystal dispersed amorphous alloy composition 
comprising: 

iron; 

neodymium; 

boron; 

at least one crystallization agent that is immiscible in an 
amorphous precursor mixture of said iron, said neody- 
mium and said boron, and 
a flux. 

6. A nanocrystal dispersed amorphous alloy composition 
comprising: 

iron; 

neodymium; 

boron; 

at least one crystallization agent that is immiscible in an 
amorphous precursor mixture of said iron, said neody- 
mium and said boron, and 
a flux including 
phosphorous. 

7. A nanocrystal dispersed amorphous alloy composition 
comprising: 

iron: 

neodymium; 

boron; 

at least one crystallization agent that is immiscible in an 
amorphous precursor mixture of said iron, said neody- 
mium and said boron, and 
a flux including phosphorous, and 
wherein said boron is present in an amount of from 
approximately 1 at. % to approximately 8 at. %. 





